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Crack healing and fracture strength of silicon 
crystals 
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Department of Precision Engineering, Faculty of Engineering, Osaka University, 
2-I Yamada-Oka, Suita, Osaka 565, Japan 

The influence of annealing at 700 to 1100 ~ on fracture strength of pre-cracked silicon 
wafers was examined by four-point bending tests at room temperature. The fracture strengths 
of the specimens annealed in oxygen increased significantly with increasing annealing tem- 
perature. On the other hand, annealing in vacuum showed little influence on the fracture 
strength. The strength increase by the annealing in oxygen was found to be caused by crack 
healing. Utilizing transmission electron microscopy, it is suggested that the crack surfaces 
were rebonded by the formation of a thin oxide layer at the crack interface. The activation 
energy for the crack healing was determined to be 2.0 ~: 0.1 eV, which was consistent with 
that of the reaction-limited growth of thin oxide film. 

1. In troduct ion  
Dislocations in silicon single crystals and their plastic 
behaviour at elevated temperatures have been inten- 
sively studied in terms of  dislocation dynamics or in 
relation to the wafer warpage in LSI manufacturing 
processes. On the other hand, the papers concerning 
the fracture characteristics of  silicon crystals are 
rather scarce in spite of  the fatal nature of cracking 
and brittle fracture in device processes. In recent 
years, backside damage is often induced in silicon 
wafers for impurity gettering purposes by means of  
sandblasting, abrasion or laser irradiation [1-5]. The 
damaged layer consists of dislocation networks and 
microcracks, arrangement of  which varies with severity 
of  the damage treatments [5, 6]. It is therefore desir- 
able to acquire a fundamental understanding of the 
fracture characteristics of silicon wafers with micro- 
cracks particularly in the course of  device fabrication 
processes. 

Recently, some authors reported the fracture 
toughness or fracture surface energies of silicon [7-9]. 
Lawn et al. [10, 11] have studied the micromechanics 
of indentation-induced flaws, clarifying the role of 
residual contact stresses in the strength of  the speci- 
men. Utilizing the scanning electron microscope 
(SEM), Eggermont et al. [12] have studied laser- 
induced backside damage in the course of  annealing 
processes and observed crack healing during a tem- 
perature cycle at 1050~ However, crack healing 
processes and the influence of  annealing atmospheres 
have not been studied in detail. In this work we 
studied the crack healing phenomenon of  pre-cracked 
silicon wafers which were subjected to annealing 
under several kinds of atmosphere, and measured the 
strength of  the wafers by four-point bending tests. 

2. Exper imenta l  p r o c e d u r e  
The commercial 100mm diameter (001)  silicon 
wafers from dislocation-free floating-zone (FZ) and 
Czochralski (CZ) ingots were utilized as specimens. 
Both types of crystals were doped with boron to a 
resistivity of 17 to 23 ~2cm. The concentration of inter- 
stitial oxygen atoms was determined by the infrared 
absorption method [13] to be about 8.5 • 1017 cm -3 
in CZ silicon wafers and below 1 x 1016 c m  -3  in FZ 
silicon wafers, respectively. The concentration of sub- 
stitutional carbon atoms was less than the detection 
limit of infrared method in both types of  wafer. 

Samples for four-point bending fracture-tests were 
cut from these wafers along the ( I  1 0) direction 
into the dimensions 0.5 x 4 x 32mm 3, and then 
chemically polished to remove the surface damage 
with a solution of CH3COOH : HNO3: HF (1 : 10 : 1). 
As a precursor crack for the fracture test, a well- 
defined crack with a semi-elliptical form was produced 
by the Knoop diamond indentation method [8, 14, 15] 
at the centre of  the tensile surface and in the { 1 1 0} 
plane such that the crack was oriented perpendicular 
to the tensile stress. Fig. 1 illustrates the indentation 
on the tensile surface and the cross section of  a 
Knoop-indented crack on the cleavage plane. Inden- 
tation load P was varied from 50 to 500 g to produce 
several sizes of  cracks. 

The cracked specimens were annealed in a quartz 
furnace at 700 to 1100~ in several kinds of  atmos- 
phere: flowing dry oxygen, flowing argon, vacuum of 
2.6 x 10 -4  Pa, or air. The four-point bending tests 
were conducted at room temperature with a crosshead 
displacement rate of 0.02 mm rain- 1 using stainless- 
steel load-supports attached to Instron universal test- 
ing machine (TTCM-L). Distances between the two 

*Present address: Mizuno corporation, Fukush ima-Ku,  Osaka  553, Japan. 

0 0 2 2 - 2 4 6 1 / 8 6  $03.00 + .12 �9 1986 Chapman and Hall Ltd. 2185 



cleavage prone [001] (a) (110) / 

/ . . . . . . . . . . . . . .  d 
( / ~ / /  ~ ~ / ,  ,, crack moment 

"~ [110] 

[110] 
) 

(b) 
F 2c i 

225 
Figure 1 (a) Schematic diagram of bending specimen with Knoop 
indentation on tensile surface, and (b) cross section of Knoop- 
indented crack. 

lower supports and between the upper supports were 
25 and 10 mm, respectively. The fracture tensile stress, 
~rr, at the outermost surface was calculated by the 
simple elastic beam theory [16]. 

Fractographic observations were made on the frac- 
ture surfaces utilizing SEM. Some samples with healed 
cracks were observed by transmission electron micro- 
scopy (TEM) HU-3000 operated at 2000kV. The 
method of specimen preparation for TEM was similar 
to that in the work by Hockey and Lawn [17]. Auger 
electron microanalysis was carried out on one of the 
partially healed cracks utilizing scanning Auger 
microprobe (JAMP-10) operated at 10keV with a 
beam diameter of 1 #m. 
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3. R e s u l t s  
3.1. Fracture strength after annealing 

in vacuum 
A rather large crack with a depth of about 50 #m was 
induced in the specimen (with P = 500 g), and the 
fracture stress, ~rf of the pre-cracked specimen was 
measured at room temperature after annealing the 
specimen in vacuum. Figs 2a and b show af as a 
function of annealing temperature for isochronal 
annealings of 2 and 20h, respectively. Each point 
represents an average of five test results with an error 
bar indicating upper and lower limits of data. Since no 
meaningful difference is seen between FZ and CZ 
wafers, dissolved oxygen atoms in silicon have a 
negligible effect on cracks in the present experiments. 
af of the annealed wafers is slightly larger than that of 
the as-indented wafers, but is independent of the 
annealing temperature for both isochronal anneal- 
ings. The slight increase of af is considered to be 
caused by the relaxation of indentation-induced 
residual stress which acts as a driving force for crack 
extension [11]. 

At the fracture stress all the specimens broke into 
two pieces by the extension of the precursor cracks. 
Scanning electron microscopy of fracture surfaces 
revealed the crack profile as shown in Fig. 3. A small 
amount of stable crack growth before catastrophic 
propagation to fracture is seen on the as-indented 
specimen (Fig. 3a) presumably due to the presence of 
the indentation-induced residual stress field [11]. On 
annealing at 700~ for 2h in vacuum, the crack 
remains semi-elliptical but the stable crack growth is 
not observed in this case (Fig. 3b) where the annealing 
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Figure 2 Effect of annealing in vacuum on fracture 
stress, af, of pre-cracked FZ and CZ silicon specimens. 
(Knoop indentation with load P = 500g.) ( a )2h  
isochronal annealing, and (b) 20 h isochronal anneal- 
ing. (e) FZ, (O) CZ. 



Figure 3 Scanning electron micrographs showing profiles of 500g Knoop-indented cracks observed on fracture surfaces of FZ silicon 
specimens. (a) As-indented specimen, (b) fractured after annealing at 700~ for 2 h in vacuum. 

has caused the relaxation of  the residual stress. After 
the annealings at other temperatures in vacuum the 
cracks had almost the same shape and size as that in 
Fig. 3b, which is consistent with the independence of 
~f on annealing temperature (Fig. 2). 

3.2.  F rac tu re  t o u g h n e s s  of  s i l icon 
The residual stress around the indentation mark  was 
released by the annealings in vacuum, and the crack 
profile of  the annealed specimens was similar to that 
of  the as-indented ones as described in Section 3.1. 
Therefore, the vacuum-annealed specimens with pre- 
cursor cracks can be used for the determination of  
fracture toughness values of  silicon crystals. Measur- 
ing the depth of  the crack a and crf of  the specimen, we 
can calculate the fracture toughness K~o (critical stress 
intensity factor) on the fracture plane, according to 
the formula 

gl~ = a fMb(rCa/Q)  '/2 (1) 

for a semi-elliptical surface crack in bending. Here, M b 
is the elastic stress intensity magnification factor and 
Q is the flaw shape parameter.  Details of  these par- 
ameters for brittle materials have been described by 
several authors [14, 15, 18]. 

SEM observation of  the fracture surfaces showed 
that the fracture initiated on the { 1 1 0} plane, but as 
the crack propagated across the sample the fracture 
plane shifted to the {1 1 1} plane. The observed frac- 
ture patterns closely resembled that found by Chen 
and Leipold [8]. 

According to Equation 1, ar is plotted as a function 
of the inverse square root of  the initial crack depth in 
Fig. 4. For  the specimens annealed at 700 ~ C for 2 h in 
vacuum, a linear relation is obtained between af and 
a -j/2.  Data  for the as-indented specimens show the 
same relation as the annealed ones in the smaller a -  ~/2 
region than about  0 .15#m 1/2. In the larger region of 
a -1/2, however, data for the as-indented specimens 
become lower than the line of  the annealed ones. This 
means that K~ of  the as-indented specimens appears 
smaller than that of  the annealed ones and depends on 
the indentation load P, when P is smaller than around 
400 g. The indentation load dependence of  K~c of as- 
indented specimens has also been observed by Chen 
and Leipold [8]. The residual stress around the inden- 
tation mark  is considered to lower the strength of the 
wafers and cause the indentation load dependence of 

A probable value of KLo at room temperature was 
obtained from the line in Fig. 4 (with a standard 
deviation) to be 

Kr~ = 0.91 + 0 . 0 9 M P a m  I/2 ({1 1 0} orientation). 

(2) 

By the similar method, K~ for {1 0 0} orientation was 
obtained to be 

KI~ = 0.95 _ 0 . 1 0 M P a m  I/2 ({1 00} orientation). 

(3) 

These values are close to those obtained by Chen and 
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Figure 4 Plot of fracture stress, crr against (crack 
depth) ~/2, a-i/2 for (O) as-indented and (e) vacuum- 
annealed FZ silicon specimens (700~ C for 2 h). 
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Figure 5 Optical micrographs o f  Knoop  indentation marks  on (0 0 1) surface. (a) P = 100 g; (b) P = 500 g. 

Leipold using P = 500 g [8]. When P is larger than 
about  400 g, it is considered that the residual stress is 
released by the chipping of the indentation mark as a 
result of  extension of  lateral cracks. 

Fig. 5 shows optical micrographs of  indentation 
marks observed on the specimen surface for P -= 100 
and 500g. In these photographs, mediamradial  
cracks give little contrast and are hardly observed. It 
can be noticed that lateral crack extension and chip- 
ping of the material around the indentation mark are 
significant for P = 500 g. The lower half of the chip 
with the indentation mark is missing in Fig. 5b. The 
depth of  the crater produced by surface chipping with 
P = 500 g is approximately 5 pm, which is deeper 
than the depth of  the indentation mark (about 3 #m). 

3.3. Fracture strength after annealings in 
oxygen and crack healing 

In contrast to the vacuum annealings, the annealings 
in oxygen atmosphere significantly increased the frac- 
ture strength of pre-cracked specimens (P = 500 g). 
Fig. 6 shows a r after 2 h of isochronal annealings as a 
function of  temperature, ar increases with increasing 
annealing temperature and af after the annealing at 
1000 ~ C for 2 h is about 2.6 times as large as that after 
the vacuum annealings (Fig. 2). 

By annealing at 1000~ C for 2 h in oxygen, an oxide 
layer about 0.15#m thick was produced on the 
specimen surface. In order to study the influence of  

the oxide layer on af, the surface oxide layer was 
removed by ultrasonic agitation in a solution of  
H F ( 4 6 % ) : H 2 0  (1:20) for 15 or 60min. Before the 
HF  treatment, the measured af is in the range 270 to 
420MPa, and after the treatment 240 to 410MPa. 
This result indicates that the surface oxide layer has 
negligible effect on the fracture strength of silicon 
wafers. Thus, the fracture tests were carried out on the 
annealed specimens without removal of the oxide 
layer. 

Annealing time dependences of  af are depicted in 
Fig. 7 for various annealing temperatures. At each 
temperature, af increases with annealing time and 
approaches the stress level which corresponds to the 
average strength of  the as-received specimens without 
precursor cracks. Fractographic observations revealed 
that the cracks after the annealings in oxygen are 
much smaller than those of as-indented and vacuum- 
annealed wafers as shown in Figs 3 and 8. Conse- 
quently, it can be concluded that the strength incre- 
ment by the oxygen annealing is attributed to the 
crack healing. In the specimen annealed at 1000 ~ C for 
2 h in oxygen, one cannot see a trace of the precursor 
crack, and the fracture initiated at the crater produced 
by the extension of  lateral cracks. This situation is 
more clearly seen in a plan-view of  the specimen in 
Fig. 9. The entire indentation mark remains because 
the fracture initiated at a site other than the median-  
radial crack. It should be mentioned that all the tested 
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Figure 6 Effect of  annealing in oxygen on fracture 
stress af of  pre-cracked FZ and CZ silicon specimens 
(P = 500 g). 2 h isochronal annealing. (e )  FZ, (o)  CZ. 
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specimens which were annealed at 1000~ for 2h in 
oxygen fractured at a site other than the median-  
radial crack. 

Here are described briefly the effects of  the other 
annealing atmospheres. No crack healing was observed 
by the annealing at 800~ in argon atmosphere 
similar to the vacuum annealings. By annealing in air, 
however, the cracks were healed completely at 700 ~ C 
for 50 min, which is much shorter than the required 
time for the complete healing in oxygen. Water vapour 
or some unintentional impurities in the air might 
promote crack healing, but the responsible cause is 
not known at present. 

3.4. TEM o b s e r v a t i o n  of hea l ed  c racks  
Hockey and Lawn [17] and Wiederhorn et al. [19] 
observed the microstructure of healed cracks in A120~ 
by TEM and revealed that the healed portion con- 
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Figure 7 Increase of fracture stress ~r of pre-cracked 
FZ silicon specimens by annealing in oxygen at 
various temperatures (P = 500g). 

sisted of  dislocation networks and voids originating 
from rebonding between matrix materials. Recently, 
Eggermont et al. [12] reported that laser irradiation- 
induced microcracks in silicon wafers were healed by 
annealings at 1050 ~ C. They observed dislocation etch 
pits on the cleaved surface where microcracks should 
have existed before the annealing and attributed them 
to the healed configuration of microcracks similar 
to the TEM observation by Hockey and co-workers 
[17, 19]. 

In order to investigate the microstructure of  healed 
cracks, we performed TEM observations of  cracks 
which were healed completely by annealing at 1000 ~ C 
for 2h  in oxygen. The observed portion was the 
median~adial  crack front located near the inter- 
section of  the crack with the indented surface because 
the maximum K~ was expected to occur at this site 
upon bending tests [18, 20]. Most of the cracks were 

Figure 8 Fracture surfaces of pre-cracked FZ silicon specimens (P = 500 g) after annealing in oxygen. (a) 700 ~ C, 2h; (b) 800 ~ C, 2 h; (c) 
900~ 2h; (d) 1000~ 2h. 
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Figure 9 Plan view of the fractured specimen after the same exper- 
iment as that of Fig. 8d. Fracture initiated at a site other than the 
indentation induced median-radial crack. 

observed as nar row bands  because the crack interface 
was normal  to the foil surface. In some cases, the crack 
interface deviated slightly f rom the { 1 1 0} plane and 
the interfacial images were observed clearly. Fig. 10 
shows T E M  images o f  the median-radia l  crack front  
observed under  the different diffraction vectors g. In 
this case the crack interface is exactly on the {1 1 0} 
plane in the upper  par t  o f  the pho tographs  but  it 
deviates slightly f rom the { 1 1 0} plane near the crack 
front. We cannot  see dislocation networks or  voids at 
the crack interface in Fig. 10, and this was the same 
with other cracks on exact { 1 1 0} plane. The inter- 
facial images consist o f  Moir6 type fringe patterns 
which vary with g [21] overlapped with thickness 
extinction fringes. 

The Moir6 fringe system is generated when the 
overlapping crystal port ions have a small mismatch in 
lattice spacings or orientat ion such that  there is a 
small difference in diffraction vector. 

Ag = g, - g 2  v ~ 0 (4) 

The Moir6 fringe patterns appear  perpendicular  to Ag 

Figure 10 Transmission electron micrographs of a completely healed median radial crack under different diffraction vectors g. (a) g = 2 ~ 0, 
(b) g = 220, (c) g = 400, (d) g = 02[0. The pre-cracked specimen (P = 50g) was annealed at 1000~ for 2h in oxygen. 
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[21-23]. As the lattice spacings on both sides of the 
crack interface are considered to be the same, the 
Moir6 fringes at the crack interface can be assumed 
to be of  rotation Moir6 type. The Moir6 fringe direc- 
tions seen in Fig. 10 deviate significantly from the 
direction of g, except the upper right part of  Fig. 10b 
where the intersection of the crack and the surface is 
parallel to g. According to Gevers et  al. [23], these 
geometrical aspects indicate that the rotation axis is 
not normal to the foil surface and that its lateral 
component in the foil surface is not parallel to g. 
Therefore, the residual displacement field is complex 
and cannot be described by a simple displacement 
mode. More rigorous observations are necessary to 
draw any quantitative conclusion about the residual 
displacement field. 

The interfacial images seen in Fig. 10 are similar to 
those observed for non-healed cracks in silicon [24], 
SiC [17, 24] or A1203 [17, 19, 24]. Consequently, it can 
be concluded that the crack healing is not caused by 
the rebonding of  Si-Si atoms. It seems natural to think 
that there exists a thin layer of silicon oxide in the 
healed crack interface. The existence of  silicon oxide 
phase in the interface was confirmed by the scanning 
Auger electron microanalysis. We analysed the par- 
tially healed crack (Fig. 8c) on the fracture surface. 
After sputtering some surface adsorption layer, a 
chemically shifted silicon peak at 78 eV corresponding 
to the silicon oxide phase was observed at the healed 
part. However, only a 91eV peak corresponding to 
bare silicon was observed at the fracture surface other 
than the initial crack. 

In Fig. 10a a slight contrast is seen along the traces 
of the intersection of the crack interface and the speci- 
men surfaces, which is invisible when g is set almost 
parallel to the traces (Fig. 10b). This may indicate that 
the interfacial thin oxide layer induces a compressive 
stress component perpendicular to the interface owing 
to the volume expansion of  the silicon oxide. 

4. D i s c u s s i o n  
We observe that the cracks in silicon crystals were 
healed by the annealings in the atmosphere containing 
oxygen. In the literature, the rate-limiting processes for 
the thermal crack healing were said to be the diffusion 
process in some oxide crystals [25-28] or the surface 
oxidation in SiC [29]. In the case of silicon, the 
oxidation process is clearly concerned with the crack 
healing mechanism. Therefore, we estimate the acti- 
vation energy of crack healing and compare it with 
that for oxidation of  silicon. The activation energy for 
the crack healing was determined from the af against 
annealing time curves at several temperatures shown 
in Fig. 7 utilizing the cross-cut method described else- 
where [30]. 

Fig. 11 shows the equivalent time which is required 
for the specimens to gain the ar of  250 and 350 MPa as 
a function of  reciprocal temperature. A single acti- 
vation process operated in the temperature range 700 
to 1100 ~ C. The slope of the lines in Fig. 11 gives the 
activation energy of 2.0 __ 0.1 eV. The reported acti- 
vation energy of  oxidation process of  silicon is 1.2 eV 
for the diffusion-limited growth of  thick oxide films 
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Figure 11 Equivalent times, tu and temperatures characterizing 
particular states of crack healing obtained from the cross cuts of the 
curves in Fig. 7 with o r = (O) 250 and (rn) 350MPa. 

and 2.0eV for the reaction-limited growth of thin 
oxide films, respectively [31-33]. The activation energy 
of crack healing in silicon observed in this study is 
consistent with that of  the reaction-limited growth of 
thin oxide film. 

In conclusion, we can describe the crack healing 
process in silicon as follows. Initially the residual 
stress around the indentation mark is released and the 
crack surfaces become close together at elevated tem- 
peratures. The crack surfaces are rebonded by the 
formation of a thin layer of  SiO2 phase, the process of 
which is considered to begin from a crack front and 
then spread to the entire part of  the crack. The rate 
limiting process is the reaction of  silicon and oxygen 
atoms at the crack surface. As the Si-O bonding is 
stronger than Si-Si bonding [34], specimens break at 
the site other than the healed crack site upon fracture 
tests. 
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